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A phase-field method was applied to the simulation of simultaneous nucleation and growth of both
M23C6 carbide and ferromagnetic a phases during the creep process in Type 304 steel. Nucleation events
of these product phases were explicitly introduced through a probabilistic Poisson seeding process based
on local nucleation rates that were calculated as a function of local concentration. The defect energy of
the creep dislocations near the carbides, which increases during creep, was integrated into the nucleation
driving force for the a phase. The simulation used in this study accurately reproduced changes in the
amounts of the precipitated phases as a function of creep time. Furthermore, we examine the effect of
the dislocation density on precipitation of the a phase, and show that the phase-field method is useful
for examining the stochastic and kinetic phenomenon of phase transformation.

� 2010 Elsevier B.V. All rights reserved.
1. Introduction

Type 304 austenitic steel is a high temperature material that is
used for structural elements of nuclear power plants. It has been
reported that (a) its magnetic properties change during creep tests
at high temperatures because of the formation of a ferromagnetic
phase, especially near M23C6 carbide [1,2], (b) a significant propor-
tion of creep dislocations are trapped in creep process by the car-
bide, and (c) the dislocation density is high near the carbide [3].
Furthermore, it has been shown that the creep dislocation energy
may be the main driving force for nucleation of the ferromagnetic
a phase, which is calculated as an equilibrium phase at high tem-
peratures based on the thermodynamic database [3]. From these
phenomena, it is important to correlate the defect energy of the
creep dislocations with changes in the amount of the ferromag-
netic phase because it may be possible to develop a non-destruc-
tive evaluation technique to estimate creep damage in the steel
by detecting changes in its magnetic properties.

In recent years, the phase-field method has been applied to sim-
ulate phase transformations and microstructural evolutions in
materials. This approach allows the simultaneous simulation of
nucleation and growth processes, by seeding nuclei stochastically
in an evolving microstructure at a nucleation rate that is calculated
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on the basis of the classical nucleation theory, as a function of both
local concentration and temperature [4–7]. In this theory, the driv-
ing force for nucleation is the reduction in the bulk free energy
upon the formation of a unit volume of a product phase from a ma-
trix, and it is possible to incorporate the creep dislocation energy
into a part of the nucleation driving force for the ferromagnetic a
phase in Type 304 steel if the local dislocation energy density in
the material can be estimated.

The purpose of this study is to examine the effect of creep dis-
location energy on the change in the amount of the a phase gener-
ated in Type 304 steel using the phase-field method. The
distribution function of the local creep dislocations near the
M23C6 carbide is calculated on the basis of a previously reported
experiment [3]. Concurrent nucleation and growth of the carbide
phase and the a phase as the ferromagnetic phase are simulated
by a model that treats the dislocation energy as a part of the nucle-
ation driving force for the a phase. Changes in the relative amounts
of these two product phases, during the creep process in Type 304
steel, are first reproduced using the phase-field method, and then
the correlation of the dislocation density with the phase transfor-
mation is examined.

2. Calculation method

2.1. Phase-field model

To simulate phase transformation in Type 304 steel, we con-
sider the concentrations of basic constituent elements, cxðr; tÞ,
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(x = Fe, Cr, Ni, C), which vary spatially (r) and temporally (t). In this
study, the average composition is Fe – 18.59 mass% Cr – 8.92% Ni –
0.05% C, and the volume fractions of equilibrium phases of the sys-
tem at 873 K (fiðr; tÞ, i = c, a, M23C6) are employed as field variables
and are calculated using the thermo-calc Ver. FE-6 thermodynamic
database (hereinafter referred to as the thermo-calc database). This
model is suitable to be applied in practical multi-component sys-
tems because fiðr; tÞ is selected as the field variable instead of
cxðr; tÞ. The concentration fields are then given as

cxðr; tÞ ¼
X

i

fiðr; tÞci:eq
x ; ð1Þ

where ci:eq
x is the equilibrium concentration of element x in phase i

and is calculated using the thermo-calc database. The temporal evo-
lution of the field variables are given by the Cahn–Hilliard equations

@fiðr; tÞ
@t

¼ Mir2 dGsys

dfiðr; tÞ
; ð2Þ

where Mi is the interfacial mobility and Gsys is the total free energy
of the system, which is given by

Gsys ¼
Z

r
Gchemðr; tÞ þ Egradðr; tÞ
� �

dr; ð3Þ

where Gchem is the chemical free energy density and Egrad is the gra-
dient energy density. The chemical free energy density is expressed
as

Gchem ¼ 1� hðfaÞ � hðfM23C6 Þ
� �

Gc
chemðcxÞ þ hðfaÞGa

chemðcxÞ

þ hðfM23C6 ÞG
M23C6
chem ðcxÞ þw

X
i–j

fifj; ð4Þ

where w is the height of the energy barrier between phases i and j,
and Gi

chemðcxÞ is the chemical free energy density of phase i. At con-
stant temperature, Gi

chemðcxÞ is formulated as a function of concen-
trations and can be calculated using the thermo-calc database.
The function hðfiÞ is

hðfiÞ ¼ f 3
i 10� 15f i þ 6f 2

i

� �
: ð5Þ

The gradient energy density is evaluated from the field variables
using

Egrad ¼
1
2

X
i

jiðrfiÞ2; ð6Þ

where ji is the gradient energy coefficient [8].

2.2. Description of a nucleation event

A product phase nucleation event is incorporated by seeding
nuclei in an evolving microstructure according to nucleation rates
calculated on the basis of classical nucleation theory [4–7]. The
steady-state nucleation rate for a thermally activated process is

Ji ¼ J0 expð�DGi=kBTÞ; ð7Þ

where J0 is the pre-exponential factor, kB is the Boltzmann constant,
and T is the absolute temperature. On the basis of the nucleation
rate calculated by Eq. (7), nucleation events are explicitly intro-
duced through a probabilistic Poisson seeding process. The quantity
DGi is the activation energy for nucleation and is estimated by con-
sidering an isolated sphere of product phase embedded in an infi-
nite homogeneous supersaturated matrix phase. In the two-
dimensional simulation, the activation energy is

DGi ¼
pc2

i

Dfi
; ð8Þ

where ci is the interfacial energy and Dfi is the bulk driving force for
nucleation. In this study, we consider the nucleation of M23C6 car-
bide and a phase with equilibrium phase compositions from the
supersaturated c phase, and we calculate Dfi using the thermo-calc
database as

Dfa ¼ Gc
chemðcxÞ � Ga

chem ca:eq
x

� �
þ
X

x

@Gc
chem

@cx
ca:eq

x � cx
� �

þ Ed; ð9Þ

DfM23C6 ¼ Gc
chemðcxÞ � GM23C6

chem cM23C6:eq
x

� �
þ
X

x

@Gc
chem

@cx
cM23C6:eq

x � cx
� �

: ð10Þ

In Eqs. (9) and (10), cx is a function of the spatial position (r), so
Dfi represents the local driving force for nucleation. Furthermore,
because the creep dislocation energy can be a part of the nucle-
ation driving force for the a phase [3], the dislocation energy den-
sity (Ed) is introduced into Dfa as shown in Eq. (9). The dislocation
energy density is approximated using

Ed ¼
lb2

4p
ln

r
r0

� 	" #
� qðr; tÞ; ð11Þ

where l is the shear modulus, b is the magnitude of the Burgers
vector, r0 is the cutoff radius of the dislocation core, r is the
outer cutoff radius, and q is the local dislocation density. In this
study, we use r0 ¼ 5b and r ¼ b� 104 [9]. On the basis of the
experimental fact that the dislocation density is high near
M23C6 carbide during the creep process [3], the local dislocation
density q is defined as

qðr; tÞ ¼ q0ðtÞ expð�B � jr� r0jÞ; ð12Þ

and

q0ðtÞ ¼ a1 � ðt=trÞ1=5 þ a2; ð13Þ

where q0ðtÞ is the dislocation density at the interface between the
carbide and the matrix, t is the creep time, tr is the time to rupture,
and r0 is the position of the interface. In Eqs. (12) and (13), B, a1, and
a2 are coefficients that depend on the applied stress and
temperature.

The conventional difference method is employed to numerically
solve Eq. (2). The physical parameters are reduced to dimension-
less quantities using the scaling factor of RT for the energy scale
and k for length scale, where R is the gas constant, T is the absolute
temperature, and k is the unit grid size. The time scale is reduced to
dimensionless time using t� ¼ t � ð10MiRT=k2Þ, where the asterisk
denotes a dimensionless quantity.

2.3. Simulation conditions

We perform a two-dimensional phase-field simulation at 873 K
under periodic boundary conditions. The system size is 256 �
256 nm2 with a unit grid size of k = 2 nm, and a molar volume
Vm ¼ 6:92� 10�6m3=mol is used for the entire system. The param-
eters in the simulation are w = 1.43 � 107 J m�3, ji = 7.18 �
10�9 J m�1, l = 77.4 GPa [10], b = 0.255 nm [11], and Dt* = 0.003.
The interfacial energy of each phase is cM23C6

= 0.5 J m�2 and
ca ¼ cM23C6

=A, respectively, where A is a fitting parameter. The
pre-exponential factor in Eq. (7) is J�0 ¼ 2:2� 1051. The coefficients
in Eqs. (12) and (13) are B = 2.54 � 107 m�1, a1 = 1.40 � 1015 m�2,
and a2 = 1.71 � 1013 m�2, which are determined using the experi-
mental data of the dislocation density near the carbide during
creep at 873 K under 172 MPa, where the time to rupture is
tr = 780 h [3]. In the simulation, the time to rupture tr, and the
parameter A, are set to be t* = 45 and A = 5.24, respectively, so as
to reproduce the experimental results for the changes in the
amounts of product phases.

Fig. 1 shows the distribution function of the dislocation
density near M23C6 carbide as a function of distance from
the carbide interface (l = |r – r0|) at t/tr = 0.01, t/tr = 0.05, and t/
tr = 0.20. As shown in Fig. 1, Eq. (12) is chosen to reproduce



Fig. 1. Distribution of dislocation density near M23C6 carbide at t=tr = 0.01,
t=tr = 0.05, and t=tr = 0.20 as a function of distance from the carbide interface. The
quantity tr is the time to rupture in the creep test.
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the high dislocation density near the carbide. Fig. 2 shows the
increase in the dislocation density with creep time normalized
by the time to rupture (tr). In Fig. 2, the solid line corresponds
to a1 = 1.40 � 1015 m�2.

In considering the distribution of the dislocation density in
the simulation, it is computationally difficult to determine
the distance from the interface of the precipitated carbide at
every time step. Based on the reported size of the carbide
[3], it can be said that for efficient computation, the position
of the interface needs to be set to seven grid steps from the
spot, where the carbide nucleation event occurred in the
simulation.
Fig. 2. Change in dislocation density at the interface of M23C6 carbide with the
creep time normalized by the time to rupture (tr). The quantity a1 is a coefficient in
the distribution function of the dislocation density.
3. Simulation results

3.1. Changes in the mole fraction of product phase generated

Fig. 3 shows the results obtained from two-dimensional phase-
field simulation at 873 K. In Fig. 3, the white and gray areas corre-
spond to M23C6 carbide phase and a phase, respectively, and the
results for different time steps are shown: (a) t* = 6, (b) t* = 12,
(c) t* = 15, (d) t* = 18, (e) t* = 21, (f) t* = 24, (g) t* = 27 and (h)
t* = 45, where t* represents the dimensionless time step. The nucle-
ation of the carbide occurs instantaneously at the initial stage of
the simulation, and the precipitated carbide coarsens with simula-
tion time. However, the nucleation of the ferromagnetic a phase
first occurs around t* = 9–12. Coarsening of the a phase is scarcely
observed, and the increase in the amount of the a phase primarily
originates from the subsequent precipitation near the carbides.

Changes in the mole fractions of the M23C6 carbide phase and
the a phase as a function of simulation time are shown in Figs. 4
and 5, respectively. From Fig. 4, we see that the amount of carbide
gradually increases up to a mole fraction of 0.0077 at t* = 45. This
result is consistent with the experimental result that the mole frac-
tion of the carbide phase reaches 0.0073 at t/tr = 1 [3]. In Fig. 5,
closed circles represent the result with a1 = 1.40 � 1015 m�2, and
we see that the mole fraction of the a phase increases after the first
nucleation and saturates around t* = 27. Thus, the simulation
reproduces the experimental fact that the increase in the ferro-
magnetic phase is scarcely observed in the late stage of creep [2].
3.2. Effect of dislocation density on the precipitation behavior of the a
phase

The simulation reproduces the experimental results regarding
changes in the relative amount of generated product phase. To
clarify the effect of the dislocation density on the precipitation
behavior of the a phase, the coefficient in Eq. (13) is changed to
a1 = 1.20 � 1015 m�2, and the other parameters are set to the same
values as used in Section 3.1. This condition corresponds to the
case, where the dislocation density near the carbide is relatively
low during the creep process, as shown by the dashed line in
Fig. 2. The resulting change in the mole fraction of the a phase gi-
ven by the simulation is shown by the open circles in Fig. 5. We
find that the beginning of the nucleation of the a phase is delayed
until t* = 15–18. Furthermore, the saturation time of the precipita-
tion is also delayed until t* = 36. Thus, a small difference in the dis-
location density leads to a significant difference in the saturation
time.
4. Discussion

With regard to the changes in the mole fraction of product
phase generated, the experimental results were reproduced by
the simulation, as shown in Section 3.1. Here, the change in the
mole fraction of carbide phase generated was consistent with the
result of extraction residue analysis reported previously [3]. As
for the amount of a phase generated, it was qualitatively repro-
duced in the sense that it started to increase in the initial stage
of creep and saturated in the later stages of creep [2]. However,
the saturation amount of the a phase has not been quantitatively
revealed. If the saturation amount in the creep process of the prac-
tical steel is examined quantitatively in future research, quantita-
tive simulations of both the phase transformations and the
changes in the mole fraction of the product phase generated would
be possible.

On the basis of the simulation presented in Section 3.1, we
examine the effect of the dislocation energy on the precipitation



Fig. 3. Results of two-dimensional phase-field simulation at 873 K: (a) t* = 6, (b) t* = 12, (c) t* = 15, (d) t* = 18, (e) t* = 21, (f) t* = 24, (g) t* = 27, and (h) t* = 45, where t* is the
dimensionless time step. The white and gray areas represent the M23C6 carbide phase and the a phase, respectively.

Fig. 4. Change in mole fraction of M23C6 carbide with time step in the phase-field
simulation.

Fig. 5. Change in mole fraction of the a phase with time step in the phase-field
simulation. The quantity a1 is a coefficient in the distribution function of the
dislocation density.
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behavior of the a phase in this system, as shown in Section 3.2. We
confirm that this model can examine the stochastic phenomenon
that the decrease in the dislocation density near the carbide leads
to the delay in the saturation time of the precipitation of the a
phase. To correlate the defect energy during creep deformation
with the mole fraction of a phase in various stress conditions,
the change in the dislocation density near the carbide in creep pro-
cess should be assessed quantitatively as a function of the applied
stress. When the dislocation density is estimated, it is desirable to
use the phase-field method we propose in this study to confirm
whether or not the change in the magnetic properties would occur
under service stress conditions. We expect that the phase-field
method can become one of the tools used to develop a non-
destructive evaluation technique.

The simulation in this paper focuses on the changes in the mole
fraction of product phase generated, so it fails to describe the mor-
phological changes in the product phases. For example, it has been
reported that, in the coarsening process, M23C6 carbide assumes
energetically favorable shapes such as rectangular, square, or
rhombic [12]. If the formation mechanism of such characteristic
shapes is revealed, it might be possible to reproduce the morpho-
logical change by incorporating the anisotropic coherent energy or
the anisotropic interfacial energy into the model. The same thing
can be said about the a phase, whose precipitation morphology
during the creep process has not been reported yet.

With regard to the description of the nucleation process, there
have been some reports, where the strain energy of nucleus forma-
tion; i.e., the precipitation energy of coherent particles, was incor-
porated into the phase-field model to consider the effect of elastic
interaction on nucleation [6,7]. In the present study, the strain en-
ergy is ignored for simplicity, except that the self-elastic energy of
the creep dislocations is incorporated into a part of the nucleation
driving force for the a phase. In future research, it is expected that
the present model will be extended to a simulation study with lar-
ger length scales, which includes grain boundaries that can also
serve as nucleation sites for the product phases.
5. Conclusions

We perform a phase-field simulation on concurrent nucleation
and growth of both the M23C6 carbide phase and the ferromagnetic
a phase during the creep process in Type 304 steel. The local nucle-
ation driving force for the product phases was calculated as a func-
tion of the local concentrations that were derived using classical
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nucleation theory. Furthermore, the creep dislocation energy near
the carbides was integrated into the nucleation driving force for
the a phase. The simulated results for the mole fractions of the
product phases are consistent with previously reported experi-
mental results. We find that the precipitation behavior of the a
phase is correlated with the dislocation density during the creep
process. This fact indicates that the model is useful to examine
the stochastic and kinetic phenomenon of the phase
transformation.
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